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I. 

DEFORMATION  AND  DAMAGE  MECHANISMS 
IN  YTTRIA-STABILIZED  ZIRCONIA 

J.  Lankford,*  L.  Rabenberg,**  and  R.  A.  Page* 

Abstract 

Yielding  behavior  and  deformation  modes  are  characterized  for  single 
crystal  and  polycrystalline  yttria-stabilized  ZrC^  tested  in  compression 
from  23C  to  800C.  The  plastic  flow  of  single  crystal  specimens  is  orien¬ 
tation  and  temperature  dependent,  and  is  interpreted  in  terms  of  TEM  evi¬ 
dence  of  dislocation  activity,  and  an  hypothesized  tetragonal-to-cubic 
transformation.  Polycrystalline  material  deforms  at  intermediate  tempera¬ 
tures  (-800C)  by  forming  unstable  shear  bands,  which  flow  via  grain  bound¬ 
ary  sliding  and  cavitation.  Although  both  strength  and  ductility  increase 
with  strain  rate,  polycrystalline  strength  decreases  rapidly  with  increas¬ 
ing  temperature. 
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INTRODUCTION 

Zlrconla-based  ceramics  stabilized  with  yttrla  to  provide  high 
volume  fractions  of  the  tetragonal  phase  have  recently  been  shown  to 
exhibit  extremely  attractive  mechanical  properties.  For  example, 

researchers  have  reported  flexural  strengths  as  high  as  2  GPa,*  and  frac- 

2 

ture  toughness  approaching  10  MPa  /m.  Unfortunately,  these  results 
obtain  only  near  room  temperature;  as  the  temperature  is  raised,  both 
strength  and  toughness  decline.  This  loss  in  toughness  is  generally 
attributed  to  diminution  in  the  effectiveness  of  the  tetragonal -to- 
monoclinic  transformation  as  a  source  of  inelastic  strain.  The  latter  can 
lead  to  toughening  in  a  variety  of  distinct  ways,  as  reviewed  by  Evans  and 
Cannon.* 

On  the  other  hand,  the  very  mechanisms  of  plasticity  which  enhance 
toughness  in  zirconia  appear  ultimately  to  be  strength  limiting.3,4  In 
particular,  the  toughening  mechanisms  generally  manifest  themselves  as 
mlcrostructurally  localized  shear  bands,  produced  by  a  cooperative  pre¬ 
cipitate  transformation  process  documented  most  extensively  for  MgO- 
toughened  PSZ.  Chen  and  Morel3  have  recently  shown  that  for  the  latter 
material,  shear  localization  due  to  martensitic  transformation  plasticity 
is  a  principal  source  of  microfracture,  specifically  at  the  intersections 
of  shear  bands  and  grain  boundaries.  These  microfracture  ensembles, 
rather  than  conventional  intrinsic  processing  defects  such  as  pores,  are 
then  responsible  for  failure  via  crack  coalescence  and/or  growth. 

Presently,  the  role  of  transformation  plasticity  in  the  development 
of  damage  in  yttria-partial ly  stabilized  zirconia  (Y-PSZ)  has  seen  only 
limited  study.  This  is  despite  the  fact  that  some  Y-PSZ  systems  exhibit 
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the  extremely  high  strength/high  toughness  combination  cited  above  and 
that  phase  transformations  in  Y-PSZ  differ  considerably  from  those  in  Mg- 
PSZ.5  An  experimental  study  of  deformation  and  damage  mechanisms  in  the 
Y-PSZ  system  is  clearly  desirable. 

Moreover,  current  polycrystalline  Y-PSZ  is  invariably  characterized 
by  a  continuous  amorphous  grain  boundary  (GB)  film,  added  during  process¬ 
ing  as  both  a  sintering  aid  and  as  a  means  of  limiting  grain  growth.**  It 
is  well  known  that  in  other  glassy  GB,  but  non-transformable,  ceramic  sys¬ 
tems,  elevated  temperature  mechanical  properties  are  degraded  by  grain 
boundary  sliding  and  creep  cavitation  within  the  glassy  phase.  This  pro¬ 
cess  has  not  yet  been  investigated  for  Y-PSZ. 

A  particularly  effective  means  to  evaluate  the  relative  inelastic 
contributions  of  phase  transformation  versus  grain  boundary  creep  would 
appear  to  be  to  compare  the  deformation  behavior  of  polycrystal  and  single 
crystal  versions  of  nominally  equivalent  materials.  Since  single  crystals 
of  Y-PSZ  are  now  available,  this  approach  is  feasible,  and  recent  work  has 
shown  that  the  single  crystal  material  has  very  interesting  properties  in 
its  own  right.  While  its  low  temperature  toughness  (9-10  MPa  /m)  is  prob¬ 
ably  due  to  a  reversible  tetragonal  to  monoclinic  transformation, *  the 
even  greater  toughness  (-15  MPa/m)  at  temperatures  approaching  1500C  must 

be  caused  by  the  extensive  dislocation  activity  recently  documented  by 

7  8 

Dominguez-Rodriguez,  et  al.  ’ 

The  present  report  describes  the  results  of  a  study  of  deformation, 
transformation  plasticity,  and  related  damage  in  single  crystal  and  poly¬ 
crystalline  Y-PSZ.  Particular  attention  will  be  directed  toward  behavior 
in  the  temperature  range  700-800C;  this  is  above  the  temperature  for 
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effective  tetragonal-monoclinlc  transformation  toughening,  but  below  that 
at  which  extensive  dislocation  activity  has  been  observed. Certain 
aspects  of  single  crystal  deformation  are  found  to  be  common  to  those  of 
polycrystals,  and  are  invoked  to  explain  the  latter.  On  the  other  hand, 
it  is  observed  that  large  scale  yielding  of  single  crystal  and  polycrystal 
variants  can  proceed  along  quite  different  paths. 


EXPERIMENTAL  PROCEDURES 


Specimens  for  deformation  experiments  were  fabricated  from  two  types 
of  yttria-stabi 1 ized  ZK^.  The  first  consisted  of  a  large  5  wt.%  Y2O3 
zirconia  single  crystal,*  which  was  oriented  for  sectioning  using  Laue  X- 
ray  diffraction.  Cylindrical  compression  specimens  9  mm  in  length  x  4.5 
mm  diameter  were  machined  from  the  parent  crystal,  each  having  either  a 
<123>  or  a  <100>  axial  orientation  relative  to  the  cubic  matrix.  The 
microstructure  of  the  as-received  parent  crystal  contained  a  dense  (>  50 
volume  percent)  distribution  of  tetragonal  precipitates;  these  precipi¬ 
tates  are  coherent  with  the  matrix,  commonly  twin-related  with  each  other, 
and  in  a  variety  of  forms,  ranging  from  distorted  ellipsoids  to  parallel¬ 
epipeds.  They  are  typically  400-1400  nm  in  length  and  80-280  nm  in  width. 

Crystals  whose  axis  lay  along  <123>  were  oriented  for  single  slip, 
with  Schmid  factors  of  -0.45  for  both  {001 } <01 1>  and  { 1 1 1 } < 1 10>  slip.  The 
<100>  crystals  provided  for  multiple  slip  on  either  [ 1 1 1 } [ 1 10 ]  or 
(110}<110>,  with  Schmid  factors  of  0.408  and  0.5,  respectively;  slip  on 
(001}  planes  was  precluded. 
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Polycrystalline  specimens  were  machined  from  as-received  sintered 
material  In  the  heat-treated,  partially  stabilized  condition.*  Overall 
yttria  content  was  roughly  the  same  (5.8  wt.*)  as  for  the  single  crystals, 
but  it  has  been  shown®  that  for  the  two  Zrt^  phases  present,  the  Y2O3  con¬ 
centrations  differ  significantly.  In  particular,  the  preponderance  of  the 
grains  were  -0.5  ym  diameter  tetragonal  phase,  with  an  yttria  composition 
of  3.0-4. I  wt.%.  The  remainder  of  the  material  was  composed  of  occasional 
AI2O3  grains,  and  cubic  zirconia  grains  on  the  order  of  0. 6-2.0  um  in 
diameter,  with  a  Y2O3  composition  of  6. 7-9. 4  wt.%.  All  grain  boundaries 
are  covered  by  a  <10  nm  thick  amorphous  grain  boundary  phase,  composed  of 
Y203,  S102,  AI2O3,  and  possibly  Zr02. 

Ambient  material  properties  for  both  materials  studied  are  presented 
in  Table  I.  Also  Included  for  comparative  purposes  are  equivalent  proper¬ 
ties  of  an  MgO-stablllzed  polycrystalline  PSZ.**  It  should  be  noted  that 
available  evidence  Indicates9  that  MgO-PSZ  also  possesses  an  amorphous  GB 
fi  lm. 

Specimens  were  tested  at  temperatures  ranging  from  23C  to  800C,  and 
at  strain  rates  of  10'5s'*  to  10"*s~*.  For  elevated  temperature  testing, 
specimens  were  allowed  to  soak  for  thirty  minutes  in  order  to  ensure  that 
they  were  at  equilibrium;  It  has  been  shown*9  that  this  period  is  insuffi¬ 
cient  to  cause  measurable  loss  of  strength.  Experiments  required  the  use 
of  ceramic  loading  platens,  which  were  fabricated  from  high  strength 
alumina;  both  specimens  and  platens  were  ground  and  lapped  parallel  to 
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within  2  pm.  Smooth  (0.05  pm  diamond)  flats  were  polished  onto  certain 
specimens,  to  provide  evidence  of  damage  produced  during  testing;  the  lat¬ 
ter  was  characterized  by  Nomarskl  microscopy  and  scanning  electron  micros¬ 
copy  (SEM),  and  transmission  electron  microscopy  (TEM)  of  two-stage  carbon 
surface  replicas.  Specimens  for  thin  foil  TEM  were  then  sectioned,  dim¬ 
pled,  and  ion  milled.  Sectioning  was  performed  both  normal  to  the  com¬ 
pression  axis,  and  parallel  to  observed  slip  planes. 

RESULTS 

Stress-Strain  Behavior 

In  Figure  1,  stress  (a)  Is  plotted  versus  axial  strain  (e)  for  poly¬ 
crystalline  Y-PSZ  tested  at  a  strain  rate  (e)  of  liras'1;  Included  for 
comparison  are  recent  data11  for  the  Mg-PSZ  described  in  Table  I.  Both 
yield  and  ultimate  strength  are  very  temperature  sensitive  for  Y-PSZ, 
whereas  for  the  Mg-stabi 1 ized  material  both  parameters  are  temperature 
insensitive.  Regardless  of  stabilizer  chemistry,  ductility  increases  with 
temperature. 

It  is  interesting  to  note  that  the  flow  stress  curves  for  the  Y-PSZ 
are  smooth  and  continuous,  while  the  yielding  of  Mg-PSZ  is  jerky,  or  ser¬ 
rated.  Furthermore,  following  Initial  yield,  Y-PSZ  specimens  tested  at 
400C  and  800C  suffered  load  drops,  the  amplitude  of  which  decreased  with 
increasing  temperature.  No  such  drops  were  observed  for  Mg-PSZ. 

The  o-e  behavior  of  Y-PSZ  single  crystals  was  very  sensitive  to 
crystal  orientation  and  temperature.  For  crystals  oriented  along  <123> 
(Figure  2a),  yielding  at  23C  took  place  at  a  high  stress  level  (nearly  3 
GPa),  followed  by  monotonic  hardening  to  an  ultimate  plastic  strain 


of  >0.005.  At  higher  temperatures,  yield  and  ultimate  strengths  were 
drastically  reduced,  while  strain  to  failure  Increased  to  -0.06  for  T  = 
700C.  This  deformation  was  realized  via  a  non-hardening,  extremely 
erratic  flow  process. 

Crystals  oriented  along  <100>  behaved  in  a  remarkably  different 
fashion;  as  shown  in  Figure  2b,  yielding  occurred  In  two  stages.  First, 
at  a  temperature-dependent  stress  level  during  elastic  loading,  the  speci¬ 
men  instantaneously  deformed  to  a  plastic  strain  of  0.0049,  at  which  point 
elastic  deformation  resumed.  For  ambient  conditions,  the  specimen  then 
broke  in  a  brittle  mode.  At  700C,  on  the  other  hand,  specimens  yielded 
via  a  load  drop,  followed  by  smooth,  monotonic  hardening  to  an  ultimate 
plastic  strain  in  excess  of  0.15. 

Yielding  was  also  found  to  exhibit  strain  rate  sensitivity,  an 
effect  most  evident  at  elevated  temperatures  (Figure  3).  As  shown  in 
Figure  3a,  the  <100>  single  crystal  pre-yield  incremental  strain  plateau 
again  represents  a  plastic  strain  of  0.0049,  but  the  stress  level  at  which 
this  occurs  is  significantly  higher  with  increasing  e.  Moreover,  the 
macroyield  stress,  the  amplitude  of  the  load  drop,  and  the  ultimate 
strength  all  are  greater  at  the  higher  loading  rate,  while  the  ductility 
is  significantly  reduced.  Crystals  oriented  along  <123>  also  increased  in 
yield  and  ultimate  strength,  and  decreased  in  ductility,  with  increasing 
strain  rate;  however,  yielding  was  never  preceded  by  a  load  drop. 

The  strain  rate  dependence  of  polycrystalline  deformation  (Figure 
3b)  was  similar  to  that  of  the  <100>  single  crystals  in  some  respects,  but 
different  in  one  important  regard.  Again,  the  zirconia  yields  prior  to 
the  load  drop,  but  this  time  the  rate-dependent  yielding  takes  place  over 
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(b)  Y-PSZ  Polycrystal,  T  =  800C 


Figure  3.  Stress-strain  for  Y-PSZ  tested  at  varying  strain  rate 
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a  range  of  stresses,  so  that  deformation  occurs  gradually,  rather  than  in 
a  single  burst.  As  for  the  single  crystals,  the  macroyield  point,  the 
amplitude  of  the  load  drop,  and  the  ultimate  strength  increase  with  strain 
rate.  However,  It  Is  surprising  to  note  that  as  e  increases  from  10~^s~^ 
to  10~*s'*,  there  seems  to  be  an  increase  in  ductility.  In  order  to  eval¬ 
uate  whether  this  is  indeed  a  real  and  significant  effect,  a  few  tests 
were  performed  at  800C  in  a  Hopkinson  pressure  bar  (HPB)  facility,  yield¬ 
ing  stress-strain  data  for  I  =  lO^s-^-.  A  typical  result  is  shown  in 
Figure  3b,  where  it  is  abundantly  evident  that  by  loading  at  this  ex¬ 
tremely  high  rate,  both  the  strength  and  ductility  of  the  ceramic  have 
been  greatly  enhanced. 

The  foregoing  results  raise  a  number  of  questions,  including  the 
following:  (1)  Why  is  the  strength  of  polycrystalline  Y-PSZ  more  tempera¬ 
ture  sensitive  than  that  of  Mg-PSZ?  (2)  What  is  the  origin  of  the  approx¬ 
imately  10%  ductility  observed  for  <100>  single  crystal  and  polycrystal¬ 
line  Y-PSZ  in  the  relatively  low  temperature  range  of  700-800C?  (3)  Why 
do  <123>  single  crystals  flow  in  a  jerky  fashion,  while  <100>  specimens 
harden  monotonical ly?  (4)  What  is  the  origin  of  the  gradual  yielding 
which  precedes  the  polycrystalline  Y-PSZ  upper  yield  point?  (5)  What  is 
the  origin  of  the  pre-macroyield  plastic  "step"  observed  for  the  <100> 
single  crystals? 

Oefomation  and  Damage  Mechanisms 

In  order  to  obtain  some  idea  of  the  origin  of  the  <100>  single 
crystal  preyield  plastic  "step",  specimens  with  a  polished  flat  were 
unloaded  immediately  following  "steps"  at  both  23C  and  700C.  Optical 
inspection  revealed  no  evidence  of  deformation,  but  examination  of  TEM 


replicas  showed  (Figure  4)  extensive  transformation  of  platelike  precipi¬ 
tates  oriented  with  their  axes  (minimum  dimension)  parallel  to  the  com¬ 
pressive  stress  axis. 

At  elevated  temperatures  (250  <  T  <  700C)  the  onset  of  macroscopic 
yielding  for  single  crystals  of  both  orientations  corresponded  to  the 
initiation  of  Luders  bands.  In  the  case  of  the  <123>  specimens,  slip 
began  at  one  end  of  the  specimen,  and  propagated  throughout  the  volume  by 
means  of  planar  slip  on  {001 }<0l 1>  (Figure  5a).  Specimens  ultimately 
failed  by  crack  nucleation  and  slip-off  on  (001}  planes.  For  similarly 
oriented  crystals,  this  same  slip  system  was  observed  for  Y-PSZ  (8-32  wt.% 
Y2°3^7,8  and  for  Ca-PSZ,*Z  tested  in  compression  at  T  =  1400C. 

Specimens  of  <100>  orientation  also  yielded  via  a  Luders  process, 
but  it  was  considerably  more  complex  than  that  observed  in  the  preceding 
case.  The  initiation  of  the  flow  process  corresponded  to  the  nucleation 
of  intersecting  slip  bands,  which  began  to  propagate  down  the  specimen  as 
deformation  proceeded.  Shortly  afterward,  a  second  Luders  process  began, 
which  followed  along  about  a  millimeter  behind  the  dislocation  front. 
This  second  front  produced  marked  surface  rumpling,  and  appeared  to  be 
caused  by  precipitate  transformation;  an  example  of  a  region  traversed  by 
both  fronts  is  shown  in  Figure  5b.  X-ray  diffraction  indicates  that  the 
trace  of  the  slip  planes  is  {110},  suggesting  { 1 10} <1 10>  slip.  This  is 
contrary  to  the  results  of  Oomlnguez-Rodriguez,  et  al7  for  16.9  wt.%  Y-PSZ 
oriented  4°  from  <100>  and  tested  at  1400C,  in  which  case  deformation 
occurred  on  { 1 1 1 } < 1 10> . 
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(a)  <123>  orientation,  e  =  0. 
showing  planar  slip  bands 
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(b)  <100>  orientation,  e  =  0.03,  showing 
multiple  slip  and  surface  rumpling 
caused  by  precipitate  transformation. 


Figure  5.  Nomarski  contrast  evidence  of  single  crystal 
Y-PSZ  deformation  at  T  =  700C,  £  =  10~5s_1. 


Transmission  electron  microscopy  of  deformed  specimens  was  diffi¬ 
cult,  due  to  distortion  caused  by  both  transformation-induced  strains  and 
by  dislocations.  At  700C,  the  original  microstructure  is  almost  unrecog¬ 
nizable  (Figure  6),  and  many  domains  are  faulted.  Extended  partial  dis¬ 
locations  appear  to  lie  on  certain  faults  (arrows.  Figure  6).  Individual 
dislocations  were  occasionally  observed  at  combined  strains  and  tempera¬ 
tures  as  low  as  0.005  and  283C,  respectively. 

For  the  multiple  slip  <100>  orientation,  two  general  types  of 
deformation  features  are  evident.  Figure  7a-b  shows  a  very  high  density 
of  dislocations  lying  within  complex  dislocation  cell  walls.  The  defect 
density  is  so  high  that  it  is  very  difficult  to  image  individual  disloca¬ 
tions.  Many  segments  seem  to  be  present,  as  evidence  of  extensive  mutual 
cutting  of  dislocation  on  several  systems.  Other  regions  exhibit  large 
populations  of  transformed  precipitates  (Figure  7c-d).  Of  particular 
interest  are  the  numerous  microscopic  cracks  present  throughout  (arrows), 
some  of  which  exceed  barely  40  nm  in  length.  Microcracks  were  associated 
only  with  transformed  particles,  usually  spanned  the  minimum  precipitate 
dimension,  and  were  never  observed  within  the  dislocation  tangles  or 


cells. 


At  room  temperature,  the  <100>  crystals  failed  in  a  brittle  mode. 


while  the  <123>  specimens  deformed  slightly  (Figure  2)  prior  to  failure. 
However,  the  latter  displayed  no  slip  line  evidence  of  dislocation 
activity,  and  Raman  microprobe  analysis  detected  no  monoclinic  phase  in  a 
yielded  but  unfailed  crystal. 


These  single  crystal  deformation  mechanisms  invite  both  comparison 
and  contrast  with  those  characteristic  of  Y-PSZ  polycrystals.  For  exam¬ 
ple,  the  gradual  deformation  of  polycrystalline  specimens  which  preceded 
their  macroyield  load  drop  at  all  temperatures  was  accompanied  by  exten¬ 
sive,  homogeneous  transformation  (Figure  8).  The  possible  relationship 
between  this  yield  behavior,  and  the  single  crystal  pre-yield  incremental 
strain  step,  will  be  developed  later. 

The  bulk  yielding  process,  on  the  other  hand,  was  amply  visible,  and 
is  shown  in  Figure  9  for  a  specimen  tested  at  800C.  Again  specimens 
yielded  through  the  nucleation  and  propagation  of  a  Luders  front,  but  here 
(Figure  9a)  it  Is  one  which  produces  inhomogeneous,  intersecting  shear 
bands.  Closer  inspection  shows  that  the  bands  have  rather  a  dimpled  ap¬ 
pearance  (Figure  9b),  evidence  no  dislocation  slip,  and  are  separated  by 
blocks  of  apparently  undeformed  material.  The  bands  are  oriented  at  an 
average  angle  of  45°  relative  to  the  compressive  stress  axis. 

Transmission  replica  microscopy  (Figure  10a)  shows  that  the 
deformation  bands  are  actually  regions  in  which  high  shear  strains  are 
accommodated  by  grain  boundary  sliding,  with  attendant  formation  of 
intergranular,  axial  microcracks.  Upon  close  inspection  of  the  figure,  it 
can  be  seen  that  within  the  shear  bands,  grain  boundaries  are  generally 
visible,  whereas  they  are  invisible  in  the  relatively  undeformed  blocks 
adjacent.  The  basis  for  this  effect  can  be  seen  in  Figure  lOb-c,  where  it 
is  evident  that  the  grain  boundaries  are  decorated  by  small,  roughly 
spherical,  cavities  which  have  nucleated  on  certain  facets  and,  fre¬ 
quently,  coalesced  to  form  grain-sized  microcracks.  The  latter  can  then 
coalesce  to  form  larger,  multigrain  size  cracks,  especially  where  shear 


(a)  Deformation  in  wake  of  Luders  front, 
showing  inhomogeneous  shear  bands. 


Figure  9. 


(b)  Higher  magnification  of  typical  deformation 
band,  showing  fine  scale  rumpling,  and  no 
slip  lines. 


Nomarski  contrast  view  of  polycrystalline  Y-PSZ  deformed 
to  e  =  0.05  at  T  =  800C,  e  =  10“*s"l.  Stress  axis  was 
vertical . 
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(a)  Deformation  band  with  axial  intergranular 
cracks  and  visible  grain  boundaries. 
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(b)  Multiple-cavitated  grain 
boundary  facets. 


(c)  Formation  of  axial  grain 
boundary  microcrack  via 
cavity  coalescence. 


Figure  10.  TEM  replica  of  deformation  shear  bands  in  polycrystalline  Y-PSZ 
e  =  0.05,  T  =  800C,  e  =  lO^s"1.  Stress  axis  is  vertical. 
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bands  Intersect  (Figure  11).  Such  sites  become  the  origins  of  localized 
failure  (Figure  12a),  i.e.,  regions  of  gross  intergranular  separation 
(Figure  12c)  created  by  high  local  shear  strains  (Figure  12b). 

The  situation  just  described  is  complicated  by  other  factors.  Prior 
to  deformation,  grain  boundaries  are  smooth,  and  grain  interiors  are  rela¬ 
tively  free  of  defects  (Figure  13a).  During  initial  yielding,  transforma¬ 
tion  of  tetragonal  phase  occurs  (Figure  13b),  as  manifested  in  the  surface 
relief  described  earlier  (Figure  8).  However,  as  deformation  proceeds, 
originally  smooth  grain  boundaries  begin  to  assume  a  wavy  profile  (arrows. 
Figure  13c).  The  "waves"  often  seem  to  be  associated  with  local  trans¬ 
formed  regions.  At  other  locations,  cusps  develop  at  the  intersections  of 
transformed  layers  and  grain  boundaries  (arrow.  Figure  13d).  The  possible 
significance  of  these  features  will  be  discussed  in  the  following  section. 

DISCUSSION 

One  of  the  most  interesting  experimental  observations  was  the  unusu¬ 
al  Incremental  strain  "step"  which  preceded  macroscopic  yielding/failure 
in  the  <100>  single  crystal  specimens.  Recalling  that  the  activation 
stress  for  the  "step"  is  temperature  and  strain  rate  sensitive,  that  the 
strain  burst  amplitude  was  constant  at  0.0049,  and  that  transformed  pre¬ 
cipitates  were  observed  immediately  following,  it  seems  reasonable  to  sus¬ 
pect  a  thermally  activated  transformation  as  the  origin. 

Two  possibilities  can  be  envisaged,  one  involving  the  familiar 
tetragonal -to-monocl Ini c  (t*m)  phase  change,  the  other  a  tetragonal-to- 
cubic  (t+c)  reversion.  In  the  case  of  the  t-m  transformation,  it  at  first 
seems  unlikely  that  this  could  account  for  a  thermally  activated  process. 


(b)  Higher  magnification  view  of  (a),  (c)  Higher  magnification  view  of  (b), 

showing  intense  local  shear  showing  intergranular  separation, 

deformation. 


Figure  12.  Localized  intergranular  failure  at  site  of  shear  band  intersection, 
t  =  0.05,  T  =  800C,  i  =  10"5s"1.  Stress  axis  is  vertical. 
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(a)  Undeformed  microstructure.  (b)  Deformation-induced  tetragonal 

to  monoclinic  transformation. 


(c)  Deformation-induced  grain  (d)  Transformation-induced  grain 
boundary  waviness  (arrow).  boundary  cusps  (arrow  ). 


Figure  13.  Transmission  electron  microscopy  of  polycrystalline  Y-PSZ 
specimen  deformed  to  a  strain  of  0.05  at  T  =  800C,  e  = 
10-5s-lf  compared  with  undeformed  microstructure. 


since  It  is  well  known*  that  the  transformation  is  martensitic.  However, 
Ruble,  Claussen,  and  Heuer5  have  recently  observed  the  dynamics  of  the  t-m 
transformation  in  polycrystalline  Y-PSZ,  and  found  that  it  can  be  remark¬ 
ably  sluggish.  Regions  of  reduced  Y2O3  content  corresponded  to  increased 
likelihood  of  nucleation,  and  increased  speed  of  transformation.  In  the 
case  of  the  present  single  crystals,  yttria  content  is  uniform  in  the 
tetragonal  particles,  so  that  all  of  a  given  orientation  would  be  expected 
to  transform  at  the  same  stress  level;  the  latter  would  depend  upon  the 
specific  combination  of  temperature  and  loading  rate. 

The  data  support  the  alternative  possibility  of  a  t+c  transforma¬ 
tion;  this  can  be  rationalized  as  follows.  The  tetragonal  particles  are 
believed  to  form  from  the  cubic  by  a  composition-invariant,  displacive 
transformation,5,13  and  since  they  are  believed  to  assume  a  morphology 
which  minimized  strain  energy,  the  imposition  of  an  external  stress  is 
expected  to  shift  the  balance  and  promote  growth  or  shrinkage  of  a  given 
tetragonal  particle  at  the  expense  of  another,  or  of  the  cubic  phase,  if 
present.  As  these  tetragonal  particles  have  a  higher  than  equilibrium 
yttria  content,  and  are  coherent  with  the  matrix,  they  are  very  reluctant 
to  transform  to  monoclinic.  Furthermore,  the  tetragonal  to  monoclinic 
transformation  would  require  a  significant  volume  expansion  against  the 
compressive  stress.  Instead,  the  t-c  transformation  occurs  to  accommodate 
the  applied  stress.  The  t+c  reversion  should  occur  more  easily  at  ele¬ 
vated  temperature  where  the  free  energy  difference  between  the  cubic  and 
tetragonal  phases  Is  expected  to  be  smaller.  Thermal  activation  is  ex¬ 
pected  to  play  a  role  in  this  process,  since  reversion  would  be  accom¬ 
plished  by  simultaneous  alteration  of  the  tetragonal  c-axis  dimension  and 


slight  shifting  of  the  oxygen  ions.  The  latter  process  would  be  accom¬ 
plished  by  thermally  activated  jumps  under  the  influence  of  an  applied 
compressive  stress  along  the  c-axis. 

For  this  scenario  to  be  feasible,  it  must  at  least  be  compatible 
with  the  present  single  crystal  results.  Within  the  <100>  single  crys¬ 
tals,  three  t-precipltate  variants  were  present,  two  sets  with  their  c- 
axes  normal  to  the  compressive  stress  axis,  and  one  set  with  its  c-axes 
parallel  to  it.  If  these  precipitates  reverted  to  cubic  with  some  atten¬ 
dant  shape  change,  they  would  be  expected  to  have  the  appearance  of  the 
precipitates  in  Figure  4.  This  would  imply  that  the  compressive  stress 
components  in  the  c-direction  which  were  required  to  activate  the  rever¬ 
sion  at  e  =  ltT^s-*  and  T  =  23C  and  700C  were  (from  Figure  2b),  -2100  MPa 
and  -450  MPa,  respectively. 

Taking  into  account  the  orientation  of  the  most  favorably  oriented 
tetragonal  variants  in  the  <123>  crystals,  axial  stresses  of  approximately 
3300  MPa  and  700  MPa  would  be  needed  in  order  to  produce  the  t-c  reaction. 
Recalling  Figure  2a,  gradual  yielding  at  23C  began  at  2600  MPa,  and  fail¬ 
ure  occurred  below  3100  MPa,  while  at  700C  serrated  yielding  began  on 
(100)  planes  at  a  stress  of  approximately  700  MPa.  Based  on  the  idea  of  a 
critical  stress  for  t-*c  transformation,  it  is  not  surprising  that  a  strain 
burst  was  not  observed  at  23C,  but  one  would  have  been  expected  at  the 
higher  temperature. 

However,  it  should  be  noted  that  compressive  loading  of  the  <123> 
crystal  provides  not  only  a  compressive  stress  component  along  tetragonal 
c-axes,  but  also  a  significant  shear  component  along  (110) (001).  While 
the  compressive  stress  provides  a  driving  force  for  transformation,  its 
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shear  component  also  could  drive  dislocations  on  the  observed  slip  system. 
Since  tetragonal  particles  are  elongated  normal  to  their  c-axis  as 
sketched  in  Figure  14a,  reorientation  probably  will  require  nucleation  of 
misfit  dislocation  loops  of  [100]  Burgers  vector  (Figure  14b).  These 
loops  would  dissociate  into  [ 1 10 1  and  [ 1 10 }  segments,  and  the  applied 
stress  would  tend  to  drive  the  [110] (001)  segments  through  the  crystal. 
Such  a  process  might  account  for  behavior  of  the  <123>  crystals  at  700C; 
once  the  applied  stress  nears  700  MPa,  the  t-c  transformation  occurs  with¬ 
in  the  most  highly  stressed  region  of  the  specimen.  Before  other  precipi¬ 
tates  can  transform,  the  stress  is  relaxed  by  the  avalanching  of  misfit 
dislocations  through  the  crystal,  creating  an  autocatalytic  Luders  pro¬ 
cess.  The  specimen  finally  fails  in  shear  by  sliding  off  when  the  single 
slip  system  is  exhausted,  and  slip  band  cracks  nucleate. 

In  the  case  of  <100>  crystals,  on  the  other  hand,  the  resolved  shear 
stress  on  the  misfit  dislocation  (001)  slip  planes  is  essentially  zero, 
hence,  as  expected,  no  deformation  takes  place  immediately  following  the 
preyield  "step".  Instead,  slip  is  finally  activated  on  the  next  most 
favored  system,  {110}<110>.  It  was  noted  that  Dominguez-Rodriguez,  et 
al,^  observed  (111}<110>  slip  in  near  (4°)  <100>  crystals.  However,  the 
temperature  was  much  higher  than  in  the  present  case  (1400C  versus  700C). 
Furthermore,  the  tetragonal  precipitate  microstructure  was  unavoidably 
different,  due  to  the  yttria  content  (16.9  wt.%  versus  5%).  Finally,  the 


Figure  14a.  Schematic  sketch  of  a  two-dimensional  section  through  one  of 
the  t'-Zr02  plates  within  the  c-Zr02  crystal.  For  the  <100> 
stress  axis  orientation,  a  normal  and  a  shear  component  of 
stress  exist  on  the  face  of  the  t'  plate.  The  degree  of 
tetragonal ity  and  the  elastic  strains  are  highly  exaggerated 
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Schmid  factor  for  {11 1  }<1 10>  slip  was  0.47  in  the  work  of  Domlnguez- 
Rodriguez,  compared  with  the  present  0.408;  in  both  cases,  the  Schmid 
factor  for  £ 110}<110>  slip  was  0.5.  Based  on  these  significant  differ¬ 
ences,  and  the  greater  disparity  in  resolved  shear  stress  on  the  competing 
slip  systems,  the  results  obtained  seem  reasonable. 

Since  multiple  planes  are  involved,  due  to  the  loading  symmetry, 
flow  is  stable  and  hardening.  It  is  this  stable  dislocation  flow  which 
accounts  for  the  remarkably  high  ductility  of  <100>  versus  <123>  crystals. 
Furthermore,  since  a  transformation  Luders  front  follows  the  initial 
multislip  front  through  the  crystal,  it  is  possible  that  the  apparent  t^-m 
transformations  were  nucleated  by  the  local  stresses  at  dislocation  pile- 
ups,  etc.  The  specimen  apparently  failed  by  the  coalescence  of  the  trans¬ 
formation-nucleated  microcracks;  thus,  its  demise  was  ultimately  related 
to  the  deformation  which,  for  a  period,  had  extended  its  life. 

It  will  be  recalled  that  Y-PSZ  polycrystals  yielded  gradually, 
before  either  failing  (at  23C)  or  experiencing  a  load  drop  followed  by 
macroscopic  strain  (T  >  400C).  Further,  surface  rumpling  caused  by  trans¬ 
formations  was  observed  within  this  early  flow  regime.  Grains  within  the 
sample  were  randomly  oriented,  so  that  c-axes  were  likewise  randomly  dis¬ 
tributed  relative  to  the  load  axis.  That  being  the  case,  crystallites 
less  favorably  oriented  for  t-*c  transformation  would  require  higher  axial 
stresses  in  order  to  transform.  This  distribution  in  activation  stress 
would  lead  to  the  rapidly  hardening  early  stage  of  yielding  shown  in 
Figure  la. 
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However,  the  macroscopic  yielding  of  the  polycrystall ine  ZrC^  is  not 
at  all  comparable  with  the  dislocation  mechanisms  responsible  for  flow  in 
single  crystals.  This  is  not  surprising,  considering  the  inverse  strain 
rate  effect  shown  in  Figure  3.  The  behavior  of  the  <100>  single  crystal 
(Figure  3a)  represents  a  classic  example  of  the  suppression  of  dislocation 
motion  (decreased  ductility),  and  a  corresponding  increase  in  strength, 
with  increasing  strain  rate.  The  polycrystalline  material,  on  the  other 
hand,  is  not  only  strengthened,  but  its  ductility  is  enhanced  as  well, 
with  more  rapid  loading  (Figure  3b).  This  curious  and  possibly  unique 
effect  is  probably  due  either  to  delay  in  the  onset  of  instability  repre¬ 
sented  by  nucleation  of  the  creeping  shear  bands  themselves,  or  to  retar¬ 
dation  of  the  cavitation  process  responsible  for  shear  band  failure.  It 
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is  very  interesting  to  note  that  the  energy  of  failure  at  e  =  lCrs  cal¬ 
culated  on  the  basis  of  the  area  under  the  stress-strain  curve,  is  nearly 
four  times  that  obtained  for  i  =  10~5s-*. 

The  formation  and  evolution  of  the  compressive  shear  bands  affords 
an  interesting  comparison,  and  some  contrast,  with  the  recent  work  by 
Dalgleish  et  al,^’^on  creep  rupture  during  bending  of  polycrystalline 
alumina.  For  the  latter  relatively  fine-grained  (4  um)  material,  charac¬ 
terized  by  a  glassy  grain  boundary  phase,  failure  in  the  absence  of  large 
pre-existing  flaws  was  caused  by  the  coalescence  of  facet-sized,  shear 
band  microcracks.  The  microcracks  nucleated  via  cavitation  and  cavity 
linkup  on  planes  normal  to  the  tensile  axis,  and  congregated  into  shear 
bands  whose  normal  projections  were,  on  average,  about  60°  from  the  stress 
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axis.  Many  bands  were  observed14  to  initiate  at  microstructural  or  chemi¬ 
cal  heterogeneities.  Testing  was  performed  at  constant  stress  at  tempera¬ 
tures  >  1250C,  with  shear  band  formation  occurring  only  for  specimens 
which  failed  via  creep  damage  coalescence  at  strains  in  excess  of  0.08. 
At  smaller  strains,  failure  occurred  by  the  growth  of  a  single  dominant 
crack  nucleated  at  an  inherent  processing  flaw.  Shear  banding  was  not 
observed  on  the  compressive  sides  of  the  failed  bend  specimens. 

Testing  of  the  present  Zr02  material  was  performed  at  constant 
strain  rate,  although  once  the  material  began  to  flow  at  800C,  the  stress 
remained  essentially  constant  (Figure  la).  Deformation  development  dif¬ 
fered  markedly  from  that  observed  for  the  A1 2O3  tested  in  bending,14,15  in 
that  shear  bands  (which  again  corresponded  to  large  failure  strains, 
i.e.,  ef-  0.07)  were  observed  in  compression.  However,  it  is  likely  that 
the  alumina14,15  simply  failed  in  tension  before  the  compressive  stress 
reached  the  level  required  for  the  nucleation  of  compressive  shear  bands. 

As  for  the  AI2O3,  cavitation  and  microcrack  nucleation  (cavity 
coalescence)  in  the  zirconia  took  place  on  grain  boundaries  approximately 
normal  to  local  tensile  stresses,  i.e.,  on  facets  containing  the  compres¬ 
sion  axis.  However,  the  shear  bands  within  which  these  processes  occurred 
did  not  lie  at  30°  to  the  principal  stress  axis,  as  they  did  for  tensile 
loading  of  alumina. 14,15  Instead,  the  bands  were  oriented  roughly  45°  to 
the  stress  axis,  and  they  never  seemed  to  be  associated  with  material 
flaws.  This  suggests  that  the  damage  localization  manifested  in  the  bands 
probably  derived  from  an  instability  in  the  macroscopic  homogeneity  of 
deformation. 


This  sort  of  situation  has  been  analyzed  theoretically  by  Rudnicki 
and  Rice*6  for  the  case  of  multiple  microfracture  of  brittle  materials, 
leading  to  shear  faulting.  The  present  case  is  different,  to  the  extent 
that  the  "pre-existing  flaws"  are  not  randomly  oriented  fissures,  but 
rather  are  inclined  grain  boundaries  which  at  elevated  temperature  may 
slide  to  permit  cavitation  on  adjacent  boundaries  containing  the  compres¬ 
sive  load  axis.  The  sliding  boundaries  are  thus  "lubricated"  by  the  vis¬ 
cous  GB  phase,  a  factor  not  included  in  the  treatment  of  Rudnicki  and 
Rice.16  Nevertheless,  the  latter  indicates  that  for  reasonably  low  coef¬ 
ficients  of  sliding  friction,  such  as  might  obtain  in  the  present  case, 
the  inclination  of  shear  bands  relative  to  the  stress  axis  is  dominated  by 
dilatation.  Extensive  cavitation  and  associated  multigrain  macrocracks 
produce  high  dilatation,  as  obtained  in  the  tensile  experiments  of 
Dalgleish,  et  al. 14,15  The  pertinent  deformation  localization  analysis16 
predicts  an  angle  of  shear  band  inclination  of  -60°,  as  observed  experi¬ 
mentally.  15 

In  the  present  zirconia  compression  experiments,  it  is  evident  that 
shear  band  dilatation  is  low.  The  predominant  damage  features  seem  to  be 
isolated  cavities,  and  widely  dispersed,  facet-sized  microcracks.  Under 
such  circumstances,  the  theoretically  predicted16  shear  band  angle  of 
incidence  would  be  -45°.  This  prediction  is  borne  out  experimentally 
(Figure  9a). 

The  observed  cavitation  mode,  in  which  multiple,  more-or-less  equal - 
sized  cavities  seem  to  form  on  a  GB  facet  (Figure  10  b-c),  is  similar  to 
the  stochastic  process  established  via  small  angle  neutron  scattering17 
for  hot-pressed  (glassy  GB)  SiC.  tn  this  case,  involving  compressive 
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creep  at  much  higher  temperature  (1600C),  the  material  deformed  homoge¬ 
neously  without  forming  shear  bands. 

Finally,  the  Y-PSZ  shear  bands  appear  to  represent  localized 
superplastic  flow.  It  Is  the  absence  of  these  zones  of  intense  shear 
which  differentiates  this  material  from  the  large-grained  Mg-PSZ  whose 
behavior  was  cited  in  Figure  1(b).  Although  some  grain  boundary  sliding 
may  occur  in  the  latter  material,  the  60  urn  grains  are  too  large  to  permit 
superplasticity,  which  generally  requires  grain  dimensions  on  the  order  of 
a  few  micrometers  or  less.  Only  in  such  cases  is  it  possible  for 
diffusive  (or  viscous,  in  the  present  case)  grain  boundary  flow  to 
dominate  intragranular  power  law  (plastic)  creep,  and  to  permit  strain 
rate-sensitive  grain  boundary  sliding  to  control  material  deformation. 
Under  such  circumstances,  superplastic  deformation  of  ceramics  with 
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viscous  GB  films  can  be  achieved. 

CONCLUDING  REMARKS 

It  is  evident  that  for  both  single  crystal  and  polycrystalline  Y- 
PSZ,  failure  is  governed  by  the  development  of  shear  instabilities.  The 
latter  are  an  inevitable  consequence  of  the  deformation  mechanisms 
(martensitic  and/or  thermally  activated  transformations,  dislocation 
activity,  grain  boundary  sliding/cavitation)  which  impart  higher  toughness 
to  this  class  of  ceramic  alloy.  It  is  interesting  to  observe  that  the 
materials  resemble  metals,  to  the  extent  that  they  do  in  fact  deform,  and 
that  their  uniaxial  compress! ve-to-tensile  strength  ratio  is  much  lower 
than  that  usually  found  for  ceramics,  i.e.,  8  <  °c/oj  <  20.  For  metals, 
ac/oj.-  1,  which  is  essentially  the  case  for  single  crystal  and  polycrystal 
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Y-PSZ  at  T  >  700C;  even  at  T  =  23C,  the  Y-PSZ  compressive-tensile  strength 
ratio  is  <  three.  These  low  ratios  can  be  rationalized  by  applying  yield 
criteria  based  on  shear  and  dilatation*  as  outlined  recently  by  Chen  and 
Morel.3 


The  shear  band  deformation  of  the  polycrystalline  Y-PSZ  takes  place 
at  a  surprisingly  low  temperature.  This  suggests  that  with  modest  adjust¬ 
ments  in  loading  rate,  grain  size,  and/or  confinement  (to  control  dilata¬ 
tion)  it  might  be  possible  to  suppress  shear  band  formation  and  cavita¬ 
tion,  and  achieve,  in  the  temperature  range  700-800C,  the  homogeneous  GB 
sliding  required  for  superplastic  forming.  Recent  work  by  Wakai,  et  al,19 
has  shown  that  superplastic  flow  of  0.3  ym  Y-PSZ  is  possible  at  strain 
rates  on  the  order  of  10-4s-*,  but  requires  a  temperature  of  at  least 
1450C.  It  will  be  recalled  that  the  present  Y-PSZ  tetragonal  grains  were 
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TEMPERATURE,  STRAIN  RATE,  AND  FIBER  ORIENTATION 
EFFECTS  IN  THE  COMPRESSIVE  FRACTURE  OF  SIC 
FIBER-REINFORCED  GLASS  MATRIX  COMPOSITES 

J.  Lankford 
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San  Antonio,  TX,  USA 

Abstract 

Continuous  SIC  fiber-reinforced  glass  matrix  composites  have  been 
tested  in  compression  over  a  wide  range  in  temperature  and  loading  rate. 
Both  uniaxial  and  crossplled  fiber  orientations  were  studied.  Strength  is 
found  to  depend  sensitively  on  orientation  and  loading  rate,  while  temper¬ 
atures  to  800C  have  less  effect.  Orientation  effects  are  explained  in 
terms  of  matrix  microfracture  and  fiber  buckling.  The  latter  are  shown  to 
also  control  strengthening  at  very  high  (Hopklnson  pressure  bar)  strain 
rates,  where  It  is  hypothesized  that  strength  is  enhanced  by  inertial  ef¬ 
fects  which  inhibit  the  development  of  the  localized  pockets  of  intense 
matrix  microfracture  and  general  buckling  required  for  the  nucleation  of 
fiber  kinks. 


INTRODUCTION 


Ceramic  fiber-reinforced  ceramic  matrix  composites  are  Intended  for 
applications  In  which  they  will  be  subjected  to  wide  ranges  In  tempera¬ 
ture,  loading  rate,  and  stress  state.  In  order  to  improve  the  properties, 
and  predict  the  lifetimes,  of  these  complex  materials,  it  is  necessary  to 
have  a  good  understanding  of  their  failure  micromechanics,  and  how  these 
are  controlled  by  the  Interaction  between  composite  microstructure  and 
loading  parameters. 

There  has  developed  a  fairly  detailed  basis  for  modeling  the  tensile 

failure  of  unidirectional  ceramic-fiber/ceramic  matrix  composites,  based 
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in  particular  on  the  recent  work  by  Marshall  and  Evans.  *  Their  model  is 
based  on  the  sequential  development  of  multiple  matrix  cracking,  fiber 
fracture,  and  finally  fiber  pullout;  pullout  is  controlled  by  fiber-matrix 
friction  and  matrix  residual  stresses.  Measurement  of  the  latter  parame¬ 
ters  permits  the  prediction  of  tensile  strength,  although  loading  rate  and 
temperature  are  not  treated. 

The  case  of  flexural  failure  is  considerably  more  complicated,^ 
involving  the  development  of  both  tensile  and  compressive  damage;  failure 
in  flexure  of  ceramic  composites  has  not  yet  been  successfully  modeled. 
Similarly,  prediction  of  both  the  tensile  and  flexural  failure  of  lami¬ 
nated  ceramic  matrix  composites^  is  complicated  by  residual  stresses  in 
the  laminates,  and  laminate  cracking.  Prewo  has  characterized4  macro- 
scopically  the  effect  of  temperature  and  layup/orientation  on  the  tensile, 
flexural,  and  compressive  strength  of  these  materials,  but  the  results  do 
not  (and  were  not  intended  to)  provide  guidelines  for  micromechanical 
model ing. 


The  failure  of  ductile-matrix  unidirectional  composites  subject  to 
compression  has  been  treated  fairly  successfully  from  a  theoretical  stand¬ 
point,®  and  Evans  and  Adler®  have  analyzed  the  initiation  of  failure 
(kinking)  In  crossplied  carbon-carbon  composites,  which  can  be  treated  as 
"plastic".  However,  the  compressive  failure  of  composites  composed  of 
either  unidirectional  or  crossplied  brittle  fibers  in  a  brittle  matrix  has 
not  yet  been  treated  analytically.  It  is  evident  that  the  development  of 
instability  must  involve  fiber  buckling  and  kinking,®’®  but  this  is  neces¬ 
sarily  controlled  by  yielding  of  the  matrix.  For  brittle  matrices, 
"yielding"  must  involve  processes  other  than  plastic  flow.  Similarly,  any 
dynamic  processes  relevant  to  such  failure  are  more  likely  to  be  con¬ 
trolled  by  inertial  effects,^*®  rather  than  by  thermally  activated  plastic 
processes. 

The  present  investigation  is  aimed  at  characterizing  further  the 
micromechanisms  responsible  for  compressive  damage  in  unidirectional  and 
laminated  ceramic  fiber-ceramic  matrix  composites.  In  particular,  recent 
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research^  involving  the  temperature  dependence  of  compressive  failure  has 
now  been  extended  to  cover  a  wide  range  in  loading  rate  as  well.  The 
strong  influence  of  strain  rate  which  is  found  is  interpreted  in  terms  of 
the  dynamics  of  matrix  microfracture  and  subsequent  fiber  buckling. 
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EXPERIMENTAL  APPROACH 

Materials 

The  materials  investigated  In  this  study  were  based  on  the  incorpo¬ 
ration  of  -15  pm  diameter  Nikalon*  SIC  fibers  into  a  glass  matrix,  which 
was  ceramed  by  means  of  a  post-fabrication  heat  treatment.4  Composite 
panels  of  this  material  (COMPGLAS™)  were  provided  by  the  United 
Technologies  Research  Center  through  the  Office  of  Naval  Research.  These 
used  as  their  matrix  the  lithium-aluminosilicate  known  as  LAS-II;4  it  has 
been  characterized  chemically  and  microstructural ly  elsewhere.*0  Panels 
were  obtained  in  two  layup  conditions:  (1)  all  fibers  oriented  essen¬ 
tially  parallel  to  one  another  (0°  orientation);  (2)  crossplied,  using 
200  pm  thick  laminates  of  parallel  fibers  laid  up  normal  to  one  another. 
Both  layups  contained  about  46  vol.X  fiber,  with  a  porosity  of  <  1%. 
Although  exact  values  of  fiber  and  matrix  strength  parameters  are  unavail¬ 
able,  it  is  well  known**4  that  the  fiber  modulus,  hardness,  and  strength 
are  all  much  higher  than  corresponding  values  for  the  matrix. 

Procedures 

Specimens  for  compression  testing  were  machined  from  the  as-received 
panels  in  the  form  of  right  circular  cylinders  (12  mm  long  x  6  mm  diame¬ 
ter).  For  the  0°  specimens,  the  cylinder  axis  was  parallel  to  the  fibers, 
while  for  the  crossplied  material,  two  stress  axis  orientations  were 
selected.  In  the  first  case,  the  cylinder  was  aligned  parallel  to  one  set 
of  fibers,  and  normal  to  the  other  (0/90);  in  the  second,  the  compression 
axis  was  oriented  at  45°  to  both  sets  of  fibers  (45/45). 

^Nippon  Carbon  Company,  Ltd,  Japan. 
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Figure  1 
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Stress  versus  strain  for  0°,  0/90,  and  45/45  Compglas  at  23C  and 
a  strain  rate  of  Ms"*. 
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All  specimens  were  tested  in  air  at  either  23C  or  800C.^  Tests  at 

strain  rates  of  -  10“^s~*  and  Is-*  were  run  in  a  standard  hydraulic  test 

machine,  while  rates  on  the  order  of  103s-1-  were  achieved  by  means  of  a 

split  Hopkinson  pressure  bar.  In  order  to  prohibit  brooming,  small 

nickel-base  superalloy  rings  were  honed  to  just  fit  over  the  ends  of  each 

q 

specimen. 

The  specimen  stress-strain  curve  was  obtained  by  recording  crosshead 
displacement.  Concurrently,  acoustic  emission  (AE)  was  monitored  using  a 
transducer  resonant  at  160  kHz,  and  attached  outside  the  hot  zone  of  the 
furnace  to  the  alumina  loading  platens.  At  various  inelastic  strain 
levels,  including  post-ultimate  load  deformation,  specimens  were  unloaded 
intact.  They  were  then  sectioned  using  a  low  speed  diamond  saw,  carefully 
polished  to  remove  any  sectioning  damage.  Damage  introduced  by  compres¬ 
sive  loading  was  characterized  by  means  of  optical  and  scanning  electron 
microscopy. 

RESULTS 

Stress-Strain  Behavior 

Typical  stress  (o)-straln  (e)  curves  for  SiC-LAS-II  specimens  com¬ 
pressed  at  room  temperature  are  shown  in  Figure  1.  Results  shown  are  for 
a  strain  rate  (I)  of  about  4s-*;  qualitatively  similar  results  are  found 
for  lower  strain  rates,  and  for  temperatures  as  high  as  800C.  Basically, 
the  specimens  yielded,  l.e.,  the  o-e  curve  deviated  from  its  elastic  load¬ 
ing  line,  well  below  the  ultimate  strength  (of).  Following  yield  (a^), 
the  material  "hardened",  and  after  the  attainment  of  ultimate,  the  stress 
tended  to  drop  off  stably,  as  shown  in  Figure  1.  It  was  observed  that  the 


threshold  stress  for  acoustic  emission  (oAE)  was  always  well  below  the 
yield  strength  (tests  at  I  >  10”4s_1  were  too  fast  to  permit  the  process¬ 
ing  of  AE  data). 

These  results  are  summarized  in  Table  I,  in  which  it  can  be  seen 

that  the  plastic  strain-at-fai lure  (ep^)  ranged  from  zero  (pressure  bar 

tests)  to  0.0178.  Ductility  was  greatest  for  the  45/45  orientation, 

3  -1 

with  ep  averaging  ~  0.01  for  I  <  10  s  .  Furthermore,  it  is  interesting 
to  note  that  the  strain-to-failure  is  considerably  greater  at  i  -  2s-1 
than  it  is  at  e  »  10-4s-1. 

At  23C,  it  was  found  that  strain  rate  had  little  effect  on  o-e 
behavior,  as  shown  in  Figure  2.  However,  the  apparent  modulus  at  800C  in¬ 
creases  significantly  upon  changing  the  strain  rate  from  1.9xl0-4s-1  to 
4.4s-1  (Figure  3).  At  strain  rates  on  the  order  of  103,  the  stress-strain 
curve  was  essentially  elastic  to  failure,  with  no  noticeable  change  in 
modulus. 

Strength 

Ultimate  compressive  strength  as  a  function  of  strain  rate  at  23C 
and  800C  is  shown  for  0°,  0/90,  and  45/45  layups  in  Figures  4,  5,  and  6, 
respectively.  It  Is  evident  upon  comparing  the  three  figures  that  the  0° 
composite  is  by  far  the  strongest.  At  23C,  there  is  little  strain  rate 
dependence  in  until  I  >  2s'1,  above  which  there  is  a  dramatic  increase 
in  strength.  At  800C,  on  the  other  hand,  appears  to  increase  steadily, 
but  only  gradually,  over  the  entire  seven  decades  in  strain  rate. 

For  the  0/90  configuration  (Figure  5)  there  is  no  temperature 
dependence  for  e  <  4s-1,  but  above  this  limit,  there  is  a  tendency 
for  to  increase  rapidly  with  e.  For  this  test  series,  an  effort  was 
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Layup  T("C) 


TABLE  I 

MECHANICAL  BEHAVIOR 


{(s-1) 


6x 
1.2 
3 
3 

1.9 
1.9 
0.57x10 
0.64x10 
1.2x 
2.1 
2.7x 
2.7x 
0.32x10 


’AE<MPa>  °y<MPa) 


jf (MPa) 


°1 

387 

763 

957 

°- 

543 

755 

976 

o-5 

487 

760 

907 

24 

- 

931 

963 
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,3 
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- 

1365 

- 

- 

1787 

|3 

o-5 

- 

- 

2125 

697 

856 

1132 

0.0024 


0.0025 


0.0008 


0.0008 


B? 


0.0078 

0.0178 


strength  versus  strain  rate  for  0/90  Compglas  at  23C  and  800C 
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made  to  back  off  on  the  pressure  bar  loading  rate,  in  order  to  get  a  bet¬ 
ter  estimate  of  the  of-e  dependence  In  the  rate  sensitive  regime.  By  this 
means.  It  was  established  that  for  I  >  4s"1,  «  I  *16  at  800C,  while  at 

23C,  «  I  Over  the  range  4s"*  <  e  <  10^s~*,  the  strengths  at  both 

temperatures  essentially  triple. 

Failure  strength  of  the  45/45  layup  is  basically  independent  of 

temperature  over  the  entire  range  in  e  (Figure  6).  However,  does  ap- 

-1  3-1 

proximately  double  between  i  =  2s  and  e  =  10  s  .  The  exact  rate  of 
strength  increase  in  this  range  would  require  further  pressure  bar  experi¬ 
ments  at  lower  loading  rates.  It  should  be  noted  that  the  strength  of  the 
45/45  configuration  under  dynamic  loading  conditions  (~  375  MPa)  is  nearly 
equal  to  that  of  the  0/90  layup  at  lower  strain  rates. 

Failure  Micromechanics 

Before  attempting  to  interpret  the  preceding  experimental  results, 
it  is  helpful  to  briefly  review  the  basic  failure  mechanisms  as  determined 
earlier^  in  compression  tests  performing  at  low  loading  rates.  In  sum¬ 
mary,  it  was  concluded  that  corresponds  to  the  threshold  stress  level 
for  the  nucleation  of  axial  matrix  microcracks.  For  0°  COMPGLAS,  this 
nucleation  is  a  measure  of  the  intrinsic  resistance  of  the  glass  matrix  to 
compressive  loading.  However,  for  layups  with  fiber  laminates  oriented  at 
90°  or  45°  relative  to  the  stress  axis,  matrix  crack  initiation  occurs  via 
SIC  fiber  "indentation"  of  the  glass-ceramic  separating  the  fibers. 

Regardless  of  the  mode  of  initiation  of  matrix  microcracks,  at  some  higher 
stress  level,  they  will  begin  to  link  up  into  axial  macrocracks.  At  this 
"yield"  stress,  o^,  the  composite  modulus  begins  to  decrease  due  to  fiber 
flexure,  i.e.,  buckling.  Ultimate  failure  corresponds  to  the  kinking  of 


buckled  fibers,  which  is  facilitated  in  CP-plies  in  laminated  material  by 
the  linking,  via  shear,  of  matrix  macrocracks  in  adjoining  laminates  com¬ 
posed  of  fibers  oriented  at  either  45°  or  90°  to  the  stress  axis. 

Examples  of  this  process,  and  the  attendant  kinking  associated  with 
failure,  are  shown  in  Figures  7a  and  7b,  where  it  can  be  seen  that  the 
same  fundamental  process  obtains  at  both  23C  and  800C.  It  is  evident  that 
macroscopic  axial  cracks  have  formed  in  each  90°  laminate,  and  that  they 
have  yielded  locally  in  shear  to  produce  kinks  in  adjacent  0°  laminates  as 
indicated  by  the  arrows. 

At  higher  loading  rates,  this  scenario  is  altered,  as  shown  in 
Figure  7c.  This  section  was  obtained  from  a  specimen  loaded  in  the 
Hopkinson  pressure  bar  at  t  =  10^s”*  to  approximately  the  same  stress 
level  as  the  specimens  corresponding  to  Figures  7a  and  7b.  The  former 
specimen  did  not  fail,  and  the  only  damage  present  is  in  the  outer  fiber 
of  the  sample,  which  appears  to  have  begun  to  buckle,  but  has  not  formed  a 
kink.  The  macroscopical ly  uncracked  bulk  interior  contrasts  vividly  witn 
the  sections  through  the  lower  strain  rate  specimens  (Figures  7a  and  7b). 

In  order  to  understand  the  basis  for  this  difference,  it  is  helpful 
to  consider  how  buckling  and  kinking  is  accommodated  in  a  damaged  speci¬ 
men.  An  example  of  this  is  shown  in  Figure  8,  which  corresponds  to  the 
central  region  of  Figure  7b.  It  can  be  seen  that  the  glass  matrix  has 
essentially  been  reduced  to  rubble  by  the  formation  of  numerous  extremely 
fine-scale  fragments,  many  on  the  order  of  a  few  micrometers  in  minimum 
dimension  (the  dark  material  between  the  fragments  is  the  polymeric  binder 
with  which  the  specimen  was  infiltrated  prior  to  sectioning).  Further¬ 
more,  in  order  to  accommodate  the  Imposed  shear  displacement  which  has 
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e  =  1.2x10~4s-1,  T  =  23C;  arrows  (b)  i  =  l^xlO'V1,  T  =  800C;  arrows 
indicate  severe  kinking.  Axial  indicate  severe  kinking.  Axial 

fracture  throughout  volume  in  fracture  throughout  volume  in 

90°  laminates.  90°  laminates. 
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(c)  i  =  lO^s-!,  T  =  23C;  specimen  is  unfailed, 
but  stressed  above  of  for  e  =  10_4s-1. 
Axial  fracture  only  in  outermost  90° 
laminate. 


Figure  7.  Damage  in  0/90  laminates  at  various  temperatures  and  loading 
rates.  Stress  axis  is  vertical.  Left  side  of  each  photo¬ 
micrograph  is  near  outside  of  specimen,  right  side  is  near 
center line. 


Figure  8.  Higher  magnification  view  of  center  of 
Figure  7(b).  Note  fracture  of  inter¬ 
fiber  matrix  into  many  extremely  fine 
fragments,  which  slide  relative  to  one 
another  to  accommodate  fiber  rotation. 
Stress  axis  is  vertical. 
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kinked  the  fibers,  the  matrix  fragments  have  slid  and  rotated  relative  to 
one  another.  Visible  in  the  90°  laminate  to  the  right  of  the  kink  is  a 
macroscopic  axial  crack  made  up  of  fiber-matrix  interface  cracks  linked  up 
with  fiber-nucleated  matrix  "indent"  cracks.  Such  features  are  common 


throughout  the  bulk  of  specimens  deformed  for  all  temperatures,  and  for 
■1 


all  I  <  10s  . 

For  rapid  loading,  the  situation  is  as  shown  in  Figure  9.  The  outer 
0°  ply  has  delaminated  via  crack  formation  and  linkup  in  the  adjacent  90° 
ply  (Figure  9a);  buckling  is  accommodated  by  local  matrix  fragmentation 
and  fragment  sliding/rotation.  However,  near  the  next  0°  bundle,  only  a 
small  zone  of  concentrated  matrix  microfracture  can  be  found  (Figure 
9b).  The  damage  is  insufficient  to  produce  a  macroscopic  axial  crack, 
hence  no  buckling  has  occurred.  Elsewhere  in  the  specimen  (Figure  9c), 
only  isolated  90°  f iber-to-f iber  cracks  are  present;  although  their 
density  is  uniform  and  fairly  high,  they  have  not  experienced  conditions 
sufficient  to  cause  macroscopic  linkup. 


OISCUSSION 


Fiber  Orientation 


The  dependence  of  strength  upon  layup  configuration/orientation 
(Figure  1)  can  be  rationalized  essentially  on  the  basis  of  the  relative 
ease  of  nucleating  matrix  microcracks,  since  they  are  necessary  in  order 
for  fiber  buckling  and  kinking  to  occur.  It  is  apparent  from  Table  I 
that  oA£,  the  stress  level  for  nucleating  matrix  cracks,  is  highest  for  0° 
unidirectional  layups,  less  for  0/90  laminates,  and  still  lower  for  45/45 
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composites.  The  difference  between  the  0/90  and  45/45  cases  can  be  re¬ 
lated  to  the  fact  that  in  the  latter  arrangement,  every  ply  in  the  layup 
contains  a  family  of  SiC  fiber  capable  of  generating  matrix  "indentation" 
cracks.  For  the  0/90  laminates,  however,  only  every  other  ply  is  so 
oriented,  with  the  result  that  the  stiff,  uncracked  0°  laminates  provide 
support  to  their  fractured  90°  neighbors;  no  such  support  is  available  in 
the  45/45  layups.  However,  once  matrix  cracks  have  formed  and  begin  to 
link  up  in  the  90°  plies,  buckling  and  failure  via  kinking  is  inevitable, 
and  will  occur  at  a  lower  stress  level  than  for  the  0°  unidirectional  com¬ 
posites,  whose  matrix  cracks,  as  noted  earlier,  are  forced  to  nucleate  at 
some  higher  intrinsic  matrix  strength  level.  On  this  basis,  it  is  clearly 
reasonable  for  ultimate  strength  to  decrease  in  the  order  0°,  0/90,  and 
45/45. 

The  tendency  for  load  bearing  capacity  to  drop  off  stably  following 
the  attainment  of  ultimate  strength  can  be  laid  to  laminate  kinking.  As 
seen  in  Figures  7a  and  7b,  buckling  eventually  fills  the  gage  section, 
which  corresponds  to  the  ultimate  stress.  Subsequently,  kinking  occurs 
stochastically  at  local  sites,  so  that  the  deformation  process  proceeds  at 
incrementally  reduced  stress  levels. 

In  order  to  appreciate  the  role  of  matrix  microfracture  in  the  kink¬ 
ing  process,  and  to  justify  the  rationale  proposed  above  for  ordering  the 
layup/orientation  dependence  of  compressive  strength,  it  is  helpful  to 
consider  the  model  set  forth  by  Evans  and  Adler6  pertaining  to  kinking  in 
three-dimensional  composites  capable  of  some  plastic  flow.  In  the  model, 
it  is  envisaged  that  tensile  fiber  stresses  are  generated  by  compressive 
shear  displacements,  such  as  the  pre-kink  buckling  observed  in  the  present 
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Instance.  Analysis  of  the  ralcromechanlcs  of  the  problem  leads  to  the 
conclusion  that  the  critical  compressive  stress  for  buckling  oc  Is  related 
to  the  composite  material  parameters  according  to 
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where  SQ  and  m  are  fiber  strength  and  strength  distribution  parameters, 
respectively;  oym  is  the  matrix  yield  strength;  x  is  a  constant;  w  is  the 
kink  width;  c  is  the  fiber  radius,  and  w  is  a  stiffness  factor. 

Inspection  of  this  equation  shows  that  oc  depends  mainly  on  the 
matrix  yield  strength,  and  on  SQ  and  m.  Since  SQ  and  m  should  be  essen¬ 
tially  independent  of  layup  configuration  and  orientation  relative  to  the 
compressive  stress  axis,  layup /orientation  dependence  must  arise  princi¬ 
pally  from  o  .  Clearly,  the  present  glass  matrix  does  not  yield  plasti¬ 
cally;  rather,  it  fragments,  creating  a  shear  instability  capable  of 
accommodating  a  kink  via  the  sliding  and  rotation  ("flow")  of  the  frag¬ 
ments  (Figure  8).  The  level  of  depends  on  the  relative  ease  of  nucle¬ 
ating  matrix  microcracks,  which  depends  on  fiber  orientation  as  outlined 
above. 

Influence  of  Temperature 

The  o-E  results  shown  in  Figures  2  and  3  reflect  an  important 
factor,  i.e.,  the  softening  of  the  glass  matrix  thought10  to  occur  at 
elevated  temperature  (800-1000C).  At  23C,  the  rate  of  loading  has  little 
effect  on  material  stiffness  (Figure  2),  while  at  800C,  increased  I  is 
very  effective  in  defeating  the  softening  which  manifests  itself  at  low 
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strain  rate  (Figure  3).  This  softening  may  account  for  the  increase  in 
strength  with  temperature  for  0°  COMPGLAS  at  e  <  10*,  shown  in  Figure  4. 
Matrix  cracks  are  nucleated  In  this  material  due  to  resolution  of  the 
applied  compressive  stress  into  multiple  localized  multiaxial  stress 
fields  whose  tensile  components  are  roughly  normal  to  the  axis.  Sites 
where  this  takes  place  include  pores,  grain  boundaries,  and  regions  of 
modulus  mismatch.  By  softening  in  such  locales,  the  matrix  can  minimize 
the  level  of  the  induced  tensile  stress,  thereby  requiring  a  higher 
applied  compressive  stress  in  order  to  produce  failure,  as  observed. 

For  0/90  and  45/45  laminates,  on  the  other  hand,  matrix  micro¬ 
fracture  is  caused  solely  by  the  stress  concentration  produced  by  the 
indentation  fields  of  adjacent  SIC  fibers.  Thermal ly- induced  matrix  soft¬ 
ening  is  unlikely  to  reduce  these  intense  local  stress  fields  sufficiently 
to  sgnificantly  alter  indentation  microfracture  (at  least  for  the  inter¬ 
mediate  temperature  range  covered  in  this  study),  as  reflected  in  the 
relative  temperature  independence  of  for  0/90  and  45/45  laminates 
observed  for  e  <  10*  (Figures  5  and  6). 

Influence  of  Strain  Rate 

The  influence  of  rapid  loading  rate  on  ultimate  strength  is  remark¬ 
ably  powerful  (Figures  4-6),  and  its  basis  may  be  somewhat  more  compli- 
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cated  than  that  found  in  monolithic  ceramics  *  *  and  geologic  mate¬ 
rials.7’*^  For  the  latter,  it  has  been  demonstrated  that  above  a 
critical,  material -dependent  strain  rate  on  the  order  of  103s“*,  inertial 


effects  can  minimize  the  extension  of  microcracks,  and  thereby  generate 
significant  strengthening.  Linear  elastic  dynamic  fracture  mechanics 
analysis  Indicates7  that  above  the  critical  strain  rate,  the  stress  to 
activate  a  flaw  will  be  given  by 


where  E  is  the  elastic  modulus,  Kjq  Is  the  fracture  toughness,  and  c  is 
the  shear  velocity  of  the  material.  In  agreement  with  this  prediction, 
previous  experiments  on  SiC,  SI3N4,  and  limestone  have  shown 
that  Indeed,  for  strain  rates  in  the  range  of  10Js  ,  oc«  e*  . 

The  present  results  on  SiC-reinforced  glass  support  this  general 
trend.  However,  the  data  on  the  0/90  layups  show  several  unusual  patterns 
of  behavior.  First,  the  upturn  in  the  of-e  curve  for  T  =  800C  occurs  at 
far  too  low  a  strain  rate  (-  2s'1)  to  be  ascribed  to  inertial  effects. 
Furthermore,  while  at  23C  the  transition  to  inertial  control  takes  place 
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as  expected,  i.e.,  at  e*  10Js  ,  subsequently  e  .  The  latter  strain 
rate  exponent  represents  strengthening  in  excess  of  that  predicted  by 
microcrack  Inertia  alone. 

Insufficient  variation  in  experimental  strain  rates  precludes 
similar  conclusions  regarding  the  precise  form  of  the  dependence 
of  oc  upon  e  in  the  range  I  *  103s_1  for  the  45/45  layups  at  23C  and  800C, 
and  the  0°  unidirectional  composite  at  23C.  However,  the  results  of  the 
0°  tests  at  800C  suggest  that  the  strength  was  increasing  steadily  over 
the  entire  strain  rate  range,  and  that  any  transition  to  the  Inertia- 
controlled  regime  was,  at  best,  just  beginning  at  I  =  103s_1.  This  would 


Imply  that  the  800C,  0/90  of-e  curve  (Figure  5)  is  actually  the  product  of 
two  Independent  strengthening  mechanisms,  one  acting  over  a  broad  range 
In  e,  and  effective  only  at  elevated  temperatures,  and  the  other  operative 
only  under  dynamic  loading  conditions,  essentially  independent  of  tempera¬ 
ture.®  This  hypothesis  can  be  rationalized  by  considering  the  relevant 
failure  micromechanisms,  as  follows. 

In  order  for  failure  to  occur,  two  things  (at  least)  must  happen: 
(1)  matrix  microcracks  must  nucleate  and  coalesce,  a  process  subject  to 
inertial  control;7  (2)  the  composite  (or  parts  of  it)  must  buckle,  a  pro¬ 
cess  controlled  by  the  stiffness  of  the  matrix  supporting  the  strengthen¬ 
ing  fibers.  Specifically,  for  the  shear-type  buckling  which  predominates 
in  the  present  case,  buckling  is  directly  controlled  by  the  shear  modulus 
of  the  matrix  (Gm)  according  to13 


where  ob  is  the  critical  stress  to  cause  buckling  instability,  and  vf  is 
the  fiber  volume  fraction.  The  matrix  stiffness  naturally  tends  to  be 
reduced  at  elevated  temperature,  but  can  be  restored  by  increasing  the 
strain  rate,  as  demonstrated  in  Figure  3.  Thus,  as  the  loading  rate  in¬ 
creases  for  tests  at  800C  (Figure  4),  the  matrix  modulus  increases  as 
well,  and  it  becomes  more  difficult,  i.e.,  requires  higher  applied 
stresses,  for  buckling  fibers  to  reach  the  critical  radius  required  for 
kinking  (failure).  This  beneficial  effect  would  not  obtain  at  23C  (Figure 
2),  which  probably  is  reflected  in  the  very  flat  of-l  curves  of  Figures  4 
and  5  (it  is  likely  that  the  curve  for  e  >  10°s_*  in  Figure  4  is  incorrect 


as  drawn,  and  that  further  tests  at  strain  rates  just  below  lO^s"-1  would 
show  essentially  the  same  sort  of  inertial  strengthening  found  In  the  0/90 
material  at  23C). 

The  fact  that  *  e*48  for  the  23C,  0/90  tests  at  e  =■  103s“* 
suggests  that  In  addition  to  inertia-controlled  microfracture.  Inertial 
effects  involving  buckling  may  also  be  contributing  to  the  strain  rate 
strengthening.  Recalling  Figures  7c  and  9,  it  is  evident  that  buckling  in 
the  center  section  of  the  specimen  is  controlled  by  the  speed  with  which  a 
buckling  "front"  can  progress  from  the  surface  to  the  interior.  It  is 
likewise  evident  that  this  process  cannot  take  place  prior  to  fairly 
extensive  matrix  microfracture  and  microcrack  coalescence.  Finally, 
buckling  in  the  specimen  Interior  is  required  for  failure,  since  observa¬ 
tional  evidence  indicates  that  kinking  (failure)  occurs  near  the  specimen 
center  section  (Figures  7a  and  7b).  Superposition  of  these  two  rate- 
sensitive  processes  therefore  may  account  for  the  strain  rate  exponent  of 
0.48  measured  in  the  0/90  experiments  at  23C,  versus  the  value  of  0.33 
predicted  theoretically^  for  matrix  microfracture  alone. 

CONCLUDING  REMARKS 

It  is  apparent  that  the  compressive  failure  of  fiber-reinforced 
glass  matrix  composites  is  a  complex  process.  Efforts  to  model  it  must 
take  into  account  the  sequential  development  of  compressive  damage  specif¬ 
ically,  and  its  dependence  upon  fiber  layup  configuration,  orientation 
relative  to  the  compressive  axis,  temperature,  and  loading.  Although  the 
stress-strain  curves  for  these  materials  tested  In  compression  qualita¬ 
tively,  and  in  some  cases  quantitatively,  resemble  those  obtained  for 
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tensile  loading,*  the  relevant  damage  and  failure  mechanisms  are  funda¬ 
mentally  different.  Whereas  tensile/flexural  failure  involves**3  matrix 
microfracture,  fiber  pullout,  fiber  fracture,  and  del  ami nation  fracture, 
compressive  failure  occurs  via  matrix  microstructure  (including  fiber 
indentation- induced  cracking),  fiber  buckling,  and  fiber  (bundle)  kink¬ 
ing.  Elevated  temperatures  degrade  composites  subject  to  tensile  stresses 
by  means  of  fiber  weakening  and  increasing  the  fiber-matrix  interfacial 
shear  strength,*^  which  increases  the  tendency  for  fibers  to  break  rather 
than  pull  out.  Conversely,  the  same  temperatures  under  compressive  load¬ 
ing  relax  local  tensile  stress  concentrations,  suppressing  crack  nucle- 
ation,  but  at  the  same  time  reduce  matrix  stiffness,  thereby  facilitating 
fiber  (bundle)  buckling.  The  effect  of  rapid  loading  rate  on  tensile 
failure  has  not  been  established,  but  the  same  inertial  strengthening  due 
to  suppression  of  microcrack  extension  during  compression  should  pre¬ 
vail.7  However,  buckling  inertia  would  not  be  a  factor  in  tensile  load¬ 
ing,  as  it  is  for  compression. 

Plies  oriented  normal  to  the  compression  axis  are  extremely  detri¬ 
mental  to  compressive  strength.  Further  tests  at  higher  loading  rates  are 
required  in  order  to  establish  the  strain  rate  threshold  (if  one  exists) 
for  strengthening  via  Inertial  suppression  of  fiber  indentation  matrix 
microfracture. 
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